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Abstract

Plasticity in small volumes is significantly different than in large, bulk-like specimens. The strength
of materials in the micron and sub-micron regime depends not only on the microstructure but
also on the size of the material. Given that a number of important mechanical processes occur
at these length scales, it is important to build a comprehensive understanding of these materials
and processes. This work examines several different processes in small volumes. The motion of
dislocations in the drag regime are examined as a function of material volume which exhibits higher
drag than in the bulk. The stability of single arm sources are also investigated using molecular
dynamics. Finally, dislocation nucleation from the free surface is investigated using both atomistic
as well as continuum models. These results provide a better understanding of plastic processes in
confined volumes.
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Chapter 1

Introduction

It is well established that strength in many crystalline materials, most notably metals, is con-
trolled by the motion and interaction of dislocations. In conventional engineering metals, the
volume of material and grain size in these materials allow for a large representative distribution
of these defects. This results in a mechanical response that is often observed to be independent
of the size of the specimen. Thus, material strength, such as the ultimate tensile strength, is often
described as an intensive property of the material.

There are many applications in which the volume of the material being tested may not con-
tain enough defects to be representative, which results in the properties of the material, such as
strength, to no longer be intensive. For example, the friction properties of metals is dependent
on the evolving microstructure under the wear track [4, 5, 59]. The microstructure that develops
is typical several hundred nanometers in depth. To understand the mechanical properties of wear
track microstructures, mechanical testing of small volumes are required. Similarly, small scale
mechanical testing can be used to determine the strength of irradiated materials [28]. The depth of
damage in these materials is very small, typically a few microns, for short irradiation times which
are used as part of research and development in this area [28]. Thus, understanding mechanical
properties at small scales is very important for these studies and tools to be useful in engineering
design.

This report discusses several aspects of plasticity in confined volumes. First, we investigate
how dislocations move in small volumes using molecular dynamics simulations. Specifically, the
surfaces on the drag of dislocations is investigated as well as the stability of pinning points in
nanopillars. Dislocation nucleation, which can be a dominant source of plasticity in nanoscale
metals, is also investigated using atomistic simulations. A continuum model of dislocation motion
is formulated that is based on matching atomistic simulations.
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Chapter 2

Background

Plasticity in confined volumes has been an intense area of research in mechanical properties
over the last 15 years [22, 38, 69]. The interest in this field began with the experiments by Fleck et
al. [17–19] on the torsion of small diameter wires. These experiments reported that the sustained
torsional moment during plastic deformation depended strongly on the diameter of the wire. Since,
as previously mentioned, strength is supposed to be an intensive property and thus not dependent
on size, these experimental results were quite surprising. This lead to the development of the idea
of strain gradient plasticity [17–19, 21, 26, 27, 31, 40].

Strain gradient plasticity, now a well developed field, asserts that the presence of strain gradi-
ents induced by the applied load results in geometrically necessary dislocations that help strengthen
the material. The theory assumes the flow stress is proportional to the square root of the dislocation
density: τ = αµb

√
ρ where τ is the flow stress, µ is the shear modulus, b is the Burgers vector,

ρ is the dislocation density and α is a constant of proportionality. The dislocation density is then
assumed to have contributions from statistically stored dislocations (SSDs) and geometrically nec-
essary dislocations (GNDs), ρ = ρSSD +ρGND. The strain gradients imposed in the material, and
hence the induced GNDs, increased with a decrease in material size. Thus, smaller materials will
exhibit stronger flow strengths.

Similar to size effects observed in the torsion of small scale wires, size effects have also been
reported in nano-indentation. The identation size effect [3, 13, 25, 36, 52, 58, 62] appears as an
increase in hardness with a decrease in indentation depth. This size-effect was initially explained
using strain gradient plasticity in the classic model of Nix and Gao [52]. This model assumes
that GNDs must form under the indentor during plastic deformation and lead to a hardness-depth
relationship of H = Ho

√
1+d∗/d, where d is the depth, d∗ is a characteristic length scale and

Ho is the hardness at deep indents. Despite the success of this model in its ability to capture the
experimental trends, recent work has called this model into question. Detailed electron backscatter
diffraction (EBSD) work has not shown high dislocation densities below the indentor, which would
be required under the assumptions of the Nix-Gao model. These results are supported by other
experiments as well as discrete dislocation dynamics simulations of the indentation process. An
alternative interpretation that has emerged of the indentation size effect is that it is a result of source
limited deformation [39, 58].
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Micropillars

The idea of source limited deformation originates in attempts to understand the observed size
effects in micropillars. The pioneering work of Uchic et al. [68] showed that the flow stress of
single crystal nickel pillars depended on the size of the material when the diameter was reduced
below a critical diameter, here about 25 µm. These pillars were machined using a focus ion beam
(FIB) and were subsequently compressed by a flat indentor. The results of this work are critical
to developing an understanding of plasticity in confined volumes because it demonstrates that size
effects exist even in the absence of strain gradients.

The work by Uchic et al. [68] led to an enormous effort to characterize and understand this new
size effect. One of the key results from the experimental efforts is the appearance of a universal size
effect amongst face-centered-cubic (FCC) single crystals. This universal scaling law states that the
flow strength of the metal scales has a power law dependence on the pillar diameter [22, 38, 69],
σ ∼ D−0.6. The development of tensile experiments at the micron and submicron scale confirm
the size effect exists in tension as well as compression.

Another important observed trend in the experiments is the effects of pre-strain on the me-
chanical behavior of these small samples. For example, Bei et al. [30] have shown that increased
pre-strian in their pillars actually makes them softer. This suggests that adding defects in the
pillars makes them weaker, in direct contrast to bulk behavior where strain hardening is typically
observed. Similarly, Lee et al. [41] confirmed the results of Bei et al. [30] that adding defects made
the pillars weaker but also showed that annealing made the pillars stronger. Again, this suggests
that plasticity in these small scale pillars is much different than those of bulk materials.

Efforts to understand the size effect including the universal scaling law, has resulted in many
different theories. The initial focus was in understanding the potential influence of the FIB dam-
age. Since the FIB process may induce a large amount of damage on the surface, this has the
potential to trap dislocations on the interior of the pillar and harden the material. However, the
mountain of evidence does not support a significant influence of the FIB damage. For example, the
work by Greer and Nix [23] initially used electroplating to create gold pillars and showed similar
flow stresses as the FIBed pillars. This idea was later reinvestigated by Jennings et al. [32] using
electroplated copper pillars who showed that the size effect in their pillars is the same as those in
FIBed pillars. Similar results were obtained by comparing gold pillars created using an emboss-
ing technique when compared to pillars created using the FIB [15]. Thus, it appears that the FIB
damage itself is not responsible for the observed size effects.

Since the size of these pillars are quite small, one prominent theory that has been used to
explain the size effect is the emergence of dislocation nucleation from the free surface [23, 53].
This idea was originally proposed by Greer and Nix [23] as part of the dislocation starvation
hypothesis. The idea behind dislocation starvation is the idea that mobile dislocations in small
volumes have a significantly higher probability of annihilation at the free surface. The depletion of
mobile dislocations, termed dislocation starvation, leads to activation of additional sources in the
pillars. Numerous theoretical studies have set out to provide a basis for the observed strengthening.
However, a well accepted theory that includes dislocation nucleation has not been developed that
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(a)
(b)

Figure 2.1. A hypothetical dislocation microstructure is shown in
(a) prior to creating a pillar out of it as shown in (b). These views
are two-dimensional and for illustrative purposes but schemati-
cally show the removal of a non-representative volume of defects
from a larger volume.

reproduces the experimentally observed size effect.

The most widely accepted theory of the observed size effect is the idea of source truncation
hardening. In this model, originally proposed by Parasatharthy et al. [57], states that the dislocation
sources that control plasticity are truncated Frank-Read sources in these small volumes. This is
schematically shown in Figure 1; Figure 1(a) shows a schematic of a dislocation network in a bulk
sample while Figure 2(b) shows the potential creation of sources in a pillar cut out of the bulk
material. The simplest model of the strength of these sources is to assume the stress required to
operate them scales inversely with the shortest distance between the pinning point and the free
surface. This can be written analytically as τ = µb

2πL . Using this simple idea and a statistical
distribution of sources with a background stress of τ = µb

2
√

ρ , the authors [57] were able to show
their model reproduced the size effect very well.

This idea has been expanded upon using discrete dislocation dynamics [16, 44, 49, 60, 61,
65, 67]. The advantage of discrete dislocation dynamics over analytical models is the code tracks
the complete evolution of the dislocation ensemble, not just a hypothetical yield or flow stress
predicted by the simple model. Thus, discrete dislocation dynamics can produce not only size de-
pendent strengths but it can also predict the flow stress evolution and hardening. Numerous studies
have shown that these models reproduce not only the essential size effect on strength, but also
demonstrate the effects of dislocation density on strength in agreement with experiments. Addi-
tionally, these models show a new mechanism of hardening in FCC metals: exhaustion hardening.
This ideas was originally proposed for stage 0 hardening in BCC metals where it describes the
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easy exhaustion of edge dislocations. Exhaustion hardening in FCC micropillars describes how
the material strengthens as weaker (and hence longer) sources operate first and eventually exhaust
causing the required stress for deformation to increase.

However, discrete dislocation dynamics rely on a number of untested assumptions. Many of
the original simulations assumed that there were a number of hard fixed pinning points inside the
pillar. One obvious consequence of this assumption is that the pinning points cannot be dissolved
during the simulation, regardless of the subsequent dislocation evolution that occurs. Hence, the
number of pinning points in the pillar can only go up during straining. Later simulations focused
on relaxing this assumption allowing pinning points to form naturally. One of the most compre-
hensive studies is by Motz et al. [49] who show that the pinning points that form are created by
junctions, most notably of the Lomer-Cottrell type. However, these types of stable pinning points
still required assumptions of the mobility of the pinning segments, such as Lomer-Cottrell dislo-
cations, whose stability at these high stresses and small sizes is unknown.

16



Chapter 3

Dislocation Motion and Stability in
Confined Volumes

As discussed in the Background, the two predominant theories attempting to explain the mi-
cropillar size effect are dislocation nucleation and single arm sources. However, there have been a
number of theories that have emerged to explain the size effects. The idea of FIB damage has con-
tinuously been used and refuted as an explanation of the size effect. Also, there has been mention
that the surface steps created on the free surface, related to surface energy, may contribute signifi-
cantly to strength. All of these theories, however, rely on the a basic understanding of the motion
and stability of dislocation sources in small volumes. In this chapter, we investigate the motion
and stability of dislocations in small volumes and the resulting effects on mechanical properties.

Dislocation Drag at the Nanoscale

Dislocation motion is usually described by the rate limiting process. For materials with high
lattice resistance, such as ceramics and BCC metals at low temperatures, dislocation mobility is
often controlled by thermally activated motion of the dislocation over the Peierls potential. In
materials with a a large density of obstacles, such as dislocation motion in most closed-packed
metals, the velocity of the dislocation is controlled by the mean breakaway time from obstacles
and mean obstacle spacing [50]. However, in materials with low lattice resistance, the motion of
dislocations in obstacle free environments is controlled by drag.

The equation of motion for a general dislocation line per-unit-length can be written as:

d
dt

(
m

dx
dt

)
=−B

dx
dt

+ τb (3.1)

where m is the dislocation mass, B is the drag coefficient and τ is the resolved applied shear stress.
The last term is the applied force on the dislocation and can be more generally obtained from the
Peach-Koehler formula: f = σ ·b× ξ where σ is the full applied stress tensor, b is the Burgers
vector and ξ is the dislocation line direction. During steady state motion of a dislocation line, the
drag coefficient can be determined by a simple balance of forces: Bv = τb. Thus, if the dislocation
is moving in steady state, the stress-velocity relationship determines the drag coefficient. This can

17



z

x
y τxy

Figure 3.1. An edge dislocation in FCC nickel. The thickness
of the thin film is along the y�direction and the film (and disloca-
tion length) are along the z�direction. Bulk-like simulations are
carried out with the z�direction under periodic boundary condi-
tions, which are not illustrated here. Reprinted with permission
from [72].

be readily obtained from classical molecular dynamics simulations where one applies a constant
shear stress and measures the dislocation velocity.

The drag forces which act upon a dislocation are typically caused by the dislocations inter-
actions with either phonons, electrons or magnons. At moderate and high temperatures, the drag
caused by electrons can often be ignored. Furthermore, drag by magnons is typically only relevant
for magnetic materials. Thus, for most applications, the drag felt by a moving dislocation is caused
by the interaction of the line defect with phonons, and is thus typically a thermal drag effect. While
numerous theories have been developed to understand dislocation drag [1, 50], they do not lend
themselves to systematic investigations of different materials and systems. As just mentioned,
classical molecular dynamics can be used to conduct such investigations. However, this approach
automatically removes the effects of electron and magnon drag as well as quantum effects of the
phonons. Despite these limitations, classical molecular dynamics has proved a useful technique to
systematically probe dislocation drag [7, 12, 54].

Here, in an attempt to further understand dislocation motion in confined volumes, we investi-
gate dislocation drag in small volumes. To this end, we create a single dislocation in a thin film, as
shown in Figure 3.1 with free surfaces in one dimension and periodic dimensions along the other
two. Since such a set up is actually an array of dislocations in a thin film, the volume is increased
until the results are independent of system size and thus representative of an isolated dislocation.

The first study aims at determining the effect of the film thickness on drag. Since the thickness
of the film was changed to make the results independent of this dimension, which is free, the
thickness was then changed from this value to determine an explicit thickness dependence of the
thin film. For the numerical results, see Weinberger [71, 72]. What is clear from this in depth study
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is that the thickness of the film has little affect on the drag until the thickness is below 5 nm for
both the materials modeled (BCC molybdenum and FCC nickel).

Changing the thickness of the film does not introduce any additional free surfaces to the system
and thus the changes in drag are either related to fundamental changes in the interactions with the
phonons or may be related to buckling in these thin films. If the boundary conditions, along the
z-direction in Figure 3.1, is changed from periodic to a free boundary, additional free surfaces are
introduced to the simulation. One expects that as the length of the box is increased, the behavior
should approach that of a dislocation in the bulk, which is observed. Reducing the length of box
(and hence the dislocation) does have an effect on the observed drag behavior. We note that the
effective drag coefficient, B, is observed to scale inversely with the dislocation line length [72],

B = Bo +
α

L
(3.2)

While altered interactions with phonons could explain the observed increase in drag, there is a
more simple logical explanation. The addition of the free surfaces can introduce local surface
forces acting on the dislocation line. If we assume these are point forces on the dislocation ends,
then force equilibrium over the whole line is:

τbL = BvL+Fs (3.3)

and comparing this to the equilibrium per-unit-length of the dislocation line with an effective drag:

τbL = BeffvL (3.4)

The By equating these two expressions, an effective drag that scales inversely with the line length,
Beff = B + Fs

vL , is obtained. Thus, it seems quite reasonable that the free surfaces are exerting
localized forces on the dislocation line that are slowing it down. This could be confirmed by
repeating such simulations and measuring the effective drag as with varying amounts of surface
roughness. Presumably higher surface roughness will lead to higher localized forces and thus
higher effective drag.

These results suggest that such local surface forces, however, are unlikely to be important in
understanding the size effects in micro-compression and micro-tension experiments. The changes
in drag observed in these simulations don’t occur until the system size is below approximately 50
nm. Increased surface roughness will likely increase the magnitude of the forces and thus increase
the size range over which the drag is affected. However, given that the micropillar size effect
occurs from tens of microns down to a hundred nanometers, it is doubtful that the observed surface
forces here will influence the properties significantly for very large pillars.
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The Stability of Dislocation Pinning Points

As discussed previously, truncated Frank-Read sources, or spiral arm sources, have been the-
orized to control plasticity in micro- and sub-micron pillars. This idea is supported by a large
number of discrete dislocation dynamics simulations [16, 44, 49, 60, 61, 65, 67]. However, it still
remains unclear as to the origin of the hard pinning points assumed in most discrete dislocation
dynamics simulations. For example, Motz et al. [49] suggest that Lomer-Cottrell segments can act
as the strong pinning points in sub-micron pillars. This assumed lack of mobility originates from
the immobility of Lomer-Cottrell locks in bulk FCC metals, which is created by the dissociation of
the Lomer dislocation onto two different {111} planes [43]. However, as pointed out by Lee and
Nix [43], it is not immediately clear that these segments will remain immobile as the source arms
rotate and that further experiments and atomistic simulations are needed to clarify this point.

In this section we examine the stability of pinning points in nanopillars using molecular dy-
namics and statics simulations. Specifically, we examine the stability of a variety of pinning points
created by Lomer-Cottrell dislocations as suggested by Lee and Nix [43], which we have reported
in the literature [73, 76]. This work focuses on determining if Lomer-Cottrell dislocations can pin
the dislocations in these small volumes and act as stable single arm sources.

The dislocation sources are created in nanopillars comprised of FCC metals of both nickel and
copper modeled as modeled by the Foiles-Hoyt [20] and Mishin [47] EAM potentials. The pillars
have an length to diameter aspect ratio of approximately 2:1, a circular cross-section with periodic
boundary conditions enforced along the pillar axis. The stability is tested by both minimizing the
energy at 0K as well as performing molecular dynamics at 300K under zero applied axial stress.
Some stabilities are also tested at 500 MPa and 1 GPa applied axial stresses.

Figure 3.2 shows a typical result of a dislocation source pinned by a Lomer-Cottrell jog. The
source is created by a cut-and-weld process and a short minimization is done to remove configura-
tions that are energetically unfavorable. The resulting structure is shown, along with the surface,
in Figure 3.2(a). Under an applied axial stress, 1GPa here, the dislocation arms rotate about the
Lomer-Cottrell jog as shown in Figure 3.2(b)-(e). The dislocation is able to escape because the
Lomer-Cottrell jog is not immobile on its {100} plane and is able to drift out of the small pillar
volume in short simulation time scales (∼ 100 pico-seconds). Similar behavior is observed if no
axial stress is applied, however in that case the dislocation arms do not rotate. We have shown
that this is a general trend and the results specifically for Lomer-Cottrell jogs can be found in [73].
Similar observations of dislocation instability were also observed for Lomer-Cottrell dislocations
that are not jogs, but rather terminate at the free surface [76].

These simulations [73, 76] illustrate that Lomer-Cottrell structures do not act as strong pinning
points. We have also shown that similar but artificially created dislocation segments, such as those
that lie on {110} and {112} planes, also don’t act as strong pinning points. The only method found
to create a hard pinning point was to trap the dislocations using a cylindrical hole [76].

These simulations illustrate that dislocation junctions, in themselves, may not provide strong
enough pinning points in nanopillars as most of the dislocation segments simulated were mobile.
However, numerous experiments have reported the operation of single arm sources in FCC metals.
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(a)

(b) (c)

(d) (e)

Figure 3.2. A double ended source pinned by a Lomer-Cottrell
jog in a 50 nm diameter copper nanopillar. (a) The initial source
created by a cut and weld procedure after a short energy minimiza-
tion. The pillar lies along the 〈100〉 direction in the FCC crystal.
The long dislocation segments have a Burgers vector of a

2〈110〉.
The Lomer-Cottrell jog has the same Burgers vector, however, due
to its line direction, it must glide on a {100} glide plane. (b) Under
the applied loads the mobile arms begin to rotate and the Lomer-
Cottrell jog dissociates and pins the dislocation. (b)-(c) As the
dislocation rotates, the Lomer-Cottrell segment constricts allow-
ing the dislocation to glide on its {100} plane and (d) eventually
drifts out of the pillar.
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Keiner and Minor [34, 35] have observed in their small copper pillars the operation and loss of
dislocation sources. While this is in agreement with the simulations performed here, we note the
work of Mompiou et al. [48] shows the stable operation of a single arm source in their aluminum
fibers. This appears, at first glance, to contradict the simulation results reported here. However,
the work of Mompiou et al. [48] does not report the exact nature of the pinning point in their
experiments. Rather than considering the experiments and theory at odds with one another, we can
reconcile the two results. Specifically, we can conclude that the pinning points observed in those
experiments are not caused by inherent dislocation junction strength, but by some other feature.
One possible suggestion is the role of impurities segregating to the dislocation core, pinning the
dislocation [73]. While this certainly can pin the dislocation, the possibility of the number of
available impurities in these very pure metals may be low. It is also possible that the experimentally
determined pinning points are caused by other defects in the crystal such as jogs or vacancies [76].
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Chapter 4

Dislocation Nucleation From Free Surfaces

Dislocation nucleation from free surfaces is expected to dominant the plasticity of nanowires
and other materials when the dimensions and number of interior defects are reduced. For example,
the work of Brenner [8–10] showed that micron-sized whiskers exhibit very high yield strengths
followed by low strength flow. Presumably the high yield is a result of the stress required for
nucleation while the low flow stress is that required to continue flow. The work by Bei et al. [29]
also show a very high yield strength in Moly-alloy pillars similar to what was observed in the work
by Brenner followed by plastic collapse.

In a similar vein, atomistic simulations have directly shown that in small defect free materials
that plasticity is dominated by dislocation emission [14, 55, 56, 74]. These simulations also show
a very high yield strength followed by low strength flow. In addition, these simulations have
shown that heterogenous dislocation nucleation is temperature and strain rate dependent. The type
of plasticity observed in these materials, such as slip via perfect dislocations and deformation
twinning appears to be dependent on both wire orientation as well as geometry. These findings,
originally predicted by atomistic simulations, are being validated by a number of experiments on
pristine nanowires [45, 63, 64, 66, 77, 78, 80].

Recent experiments of the compression of electroplated copper nanopillars by Jennings et
al. [33] have shown that there appears to be a transition between single arm sources to dislocation
nucleation. This is characterized by a change from the power law relationship between the flow
stress and diameter to a diameter independent strength plateau. This mechanism was also suggested
by previous atomistic simulations [46, 79].

In this section, we investigate both atomistic and continuum models of heterogeneous disloca-
tion nucleation. The end goal is to build a continuum model of dislocation nucleation that is able
to predict the transition between the operation of single arm sources and dislocation nucleation.
The approach used here is to first compute the energetics of dislocation nucleation using atomistic
simulations. With the understanding obtained from the atomistic simulations, continuum models
are then developed to predict nucleation in a wide range of materials and crystal orientations.
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Atomistics Simulations of Dislocation Nucleation

Using classical nucleation theory, the rate at which a dislocation nucleates can be described
using transition state theory as a function of the stress-dependent activation free energy barrier and
temperature as:

ν = νoN exp
(
−Eb

kBT

)
(4.1)

where νo is a frequency prefactor, N is the number of nucleation sites, and Eb is the appropriate
energy barrier. Thus, the nucleation rate under constant stress or constant strain can be determined
from the above equation. However, experiments are conducted under constant strain rate. An
implicit expression for the strength can be derived from the survival probability of a nanowire
under constant strain rate as [51, 75, 79]

Eb

kBT
= ln

(
kBT Nνo

E ε̇Ω

)
(4.2)

where Ω≡−∂Eb
∂σ

, E is the Young’s modulus and ε̇ is the applied strain rate. The nucleation stress
can be determined by solving this implicit equation with the knowledge of the stress dependent
energy barrier of dislocation nucleation.

To compute this in atomistic simulations, we use gold as a model material as it has been used
extensively in both micro-compression experiments [11, 15, 23, 24, 42, 70] and nanowire experi-
ments [45, 64, 66, 78]. Five different geometries were studied: two orientations 〈100〉 and 〈110〉
and three cross sectional geometries: square, circular and rhombic. For more details of the geom-
etry, see [75]

The energy barriers were computed using a free-end string method. The initial state is a pristine
nanowire and the final state is the same nanowire with a partial dislocation introduced in it. A
sample energy computed for one of the nanowires is shown in Figure 4.1.

From these simulations, the strength of very small, ∼5 nm diameter, nanowires can be com-
puted. To predict the strength of much larger nanowires, the data must be corrected for the surface
stress. The surface stress adds in a stress that drives nucleation and is inversely proportional to
the nanowire diameter [74]. The energy barrier versus stress curves correcting the atomistic data
compiled of string method and corrected for the surface stress are shown in Figure 4.2. With the
adjustments for the surface stress, one is able to predict the stress of dislocation nucleation in
large gold nanowires. Table 4.1 shows the strengths of our nanowires [75] and those of recent
experiments [64, 66] showing good agreement.

While the atomistic data shows good agreement with experimental measurements of strength
in gold nanowires, it is still desirable to model the transition between single arm sources and
surface sources. To this end, we use the atomistic data generated from these energy barrier curves
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Figure 4.1. (a) The energy barrier and computed for a ∼ 5 nm
gold nanowire with a rhombic cross-section under a uniaxial com-
pressive stress of approximately 2.6 GPa. (b)-(g) Snapshots of the
nucleation process at 2.6 GPa. The subfigure labels correspond to
the labels on the curve in (a).

Table 4.1. A comparison of the predicted strengths of large ∼
100 nm diameter gold nanowires as compared to experiments.

Orientation Loading Direction cross-section Theoretical Strength Experimental Strengths
〈100〉 tension {100}×{100} 1.2 GPa 1.1 GPa [66]
〈110〉 tension {111}×{111} 1.5 GPa 1.54 GPa [66]
〈110〉 tension hexahedral 1.5 GPa 0.8-1.6 GPa [64]
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Figure 4.2. The energy barriers of the five different nanowires
in tension and compression. (a) Energy barrier curves for the
〈100〉 nanowires in compression. (b) Energy barrier curves for
the 〈100〉 nanowires in tension. (c) Energy barrier curves for the
〈110〉 nanowires in compression. (d) Energy barrier curves for the
〈110〉 nanowires in tension. Note that the stress values are cor-
rected for the surface stress and are thus representative of large
diameter nanowires. The data points represent the data from atom-
istics and the lines represent curve fits.
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Figure 4.3. The strength predicted from the atomistic simulations
as compared against experimental measurements of the flow stress
in (a) compression and (a) tension of gold micro- and nano-pillars.

and add in a diameter dependent surface stress to reproduce a surface stress induced size effect.
The strength of gold pillars with circular cross-sections with 〈100〉 orientations are then predicted
using Equation 4.2 compared with experimental results from micro-tension and micro-compression
experiments [24, 37]. We notice a few key results in the predicted size effects of the nucleation
strength. First, the surface stress causes a strengthening in tension and weakening in compression
and is the dominant contribution to the nucleation size effect. A weaker size effect was suggested
by [79] is caused by the number of nucleation sites scaling with the pillar diameter which makes
smaller pillars stronger, but this is a weak logarithmic dependence.

Figure 4.3 also nicely illustrates a transition in strength from single arm sources to surface
nucleation. We note that the transitions for these 〈100〉 gold nanopillars should occur around 100
nanometers. This is, of course, if one extrapolates the experimental data as is done in Figure 4.3,
which may not be appropriate.

Continuum Models for Predicting Nucleation Strengths

In the previous section we used atomistic simulations of energy barriers and transition state
theory to predict the nucleation strength of nanowires. This method is advantageous over standard
molecular dynamics because it can be extended to strain rates that are experimentally relevant.
However, one significant drawback of this method is that it requires the use of atomistic based
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energy landscape search methods, such as the string method or the nudged-elastic-band method,
to determine the stress-dependent energy barriers. These methods are time consuming and are
not amenable to use across a large number of materials and crystal orientations. Furthermore,
such models are not practical for use in large-scale defect simulations such as discrete dislocation
dynamics. Thus, it is desirable to develop a simple continuum model based on atomistics that is
able to easily capture the nucleation energetics.

Bulk Nucleation

Before creating a model of dislocation nucleation from the free surface, we first develop a sim-
ple model of homogeneous nucleation. In this work, we follow the method of Aubry et al. [2]
with a modification of the line energy term that makes the surface nucleation problem easier. This
allows us to write the change in free energy of a homogeneously nucleating circular partial dislo-
cation loop as

∆G = 2πR
µb2

f (2−ν)

8π(1−ν)
ln

R
rc

+πR2 (
γGSF(τ,uo +b f )− γGSF((τ,uo)

)
−πR2

τb f (4.3)

where R is loop radius, b f is the magnitude of the dislocation Burgers vector, µ is the shear mod-
ulus, ν is Poisson’s ratio, τ is the applied shear stress. γGSF(u) is the generalized stacking fault
energy, which is a function of the applied stress τ . The value uo is the displacement obtained when
the derivative of the generalized stacking fault energy equals the applied stress, i.e.

dγGSF(u)
du

∣∣∣
uo
= τ .

Atomistic simulations of homogeneous partial dislocation nucleation were also conducted in
order to match the two models. The materials modeled in the atomistics are gold, silver, aluminum
and nickel. A partial dislocation loop was introduced into a perfect block of material of size
6[111]×8[112̄]×13[1̄10] and the energy barriers were deterimned using the same method for the
gold nanowires. Fitting the model to the atomistic data allows the extraction of the inner core
radius, which is shown in Table 4.2. The value for copper was extracted by matching this model to
the data of Aubry et al. [2]. From this, we can see there is no universal core radius among material
models, however the core radius generally lies between the values of 0.5b and 0.75b.

Half Space Nucleation

The nucleation of a dislocation from a half-space is a reliable model of dislocation nucleation
from a large diameter pillar. The model assumes the radius of curvature of the nucleating disloca-
tion is much smaller than the pillar diameter, which is a good assumption for pillars of diameters
that are around 25 nm or greater at experimental time scales. The model of the free energy for
homogeneous nucleation must be modified to account for the free surface. If we restrict our at-
tention to nucleation of circular dislocation loops from a half-space, we note that the line energy
compared to homogeneous nucleation is reduced in half. However, the reduction in the line length
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Table 4.2. The inner core radius, rc determined from fitting
the model homogeneous partial dislocation nucleation to atomistic
data.

Material rc
Copper 0.63b
Gold 0.73b
Silver 0.50b
Nickel 0.63b

Aluminum 0.71b

is not the whole story with regards to the reduction in energy. As shown by Beltz and Freund [6],
an additional term must be added inside the logarithm to appropriately modify the energy due to
the image stress. Thus, we can write the dislocation elastic energy as:

E = πR
µb2

f (2−ν)

8π(1−ν)
ln

mR
rc

(4.4)

where m is the factor that weakly depends on Poisson’s ratio and is approximately 0.55 for a
material with a Poisson’s ration of 0.3.

To model the uniaxial loading of a nanowire, we have to now use a full stress-tensor dependent
stacking fault energy, γGSF(σ). Furthermore, the determination of the parameter uo is now done
with the resolved shear stress through the Schmid factor S. Thus, we can write the change in free
energy of a nucleating dislocation from a half space under uniaxial loading as

∆G = πR
µb2

f (2−ν)

8π(1−ν)
ln

mR
rc

+
1
2

πR2 (
γGSF(σ ,uo +b f )− γGSF((σ ,uo)

)
− 1

2
πR2

σSb f (4.5)

where uo is determined from the equation
dγGSF(u)

du

∣∣∣
uo

= Sσ . From the change in free energy, the

energy barrier as a function of applied axial stress, σ , can be parameterized. The strength can be
predicted by assuming the materials are linear elastic, have Young’s modulus appropriate for the
material and loading orientation, taking νo to be the Debye frequency, and N to be a representative
number of nucleation sites that scale linearly with the pillar diameter. Since the surface stress
introduces a size depenent strength [14, 74], we include a nominal surface stress value of 1 J/m2,
which only affects predictions at small diameters and makes the pillars stronger in tension and
weaker in compression.

Figure 4.4 shows a plot of the nucleation strength for a variety of orientations as a function of
pillar diameter. Plotted alongside these nucleation strengths is a representative curve of the size-
dependent flow strengths of micro- and sub-micronpillars [22, 38, 69]. In this log-log plot, we
have normalized the strength using the Schmid factor and shear modulus so that the micropillar
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Figure 4.4. The pristine nucleation strength of single crystal FCC
metals resolved onto their slip planes compared to the resolved
flow strengths from micropillar compression tests.

results exhibit a standard universal form. From these results, we can see that the softer FCC metals,
i.e. the noble metals, are the materials that are likely to show a transition from the experimental
data, which is governed by the operation of single arm sources, to surface sources. The transitions
for nickel and aluminum are much higher. This confirms the notion that nucleation strengths
should not follow a universal behavior that is observed for the operation of single arm sources.
Furthermore, we note that all of the strengths predicted here fall within a range of µ/50 to µ/10
which are close to the values assumed for the ideal strength.
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Chapter 5

Conclusion

In this work, we have developed a number of models for plastic processes in confined volumes.
Specifically, we have shown that dislocation drag shows an apparent increase in small volumes, the
increase is inversely proportional to the dislocation line length, and is likely caused by localized
surface forces. However, the increased resistance to dislocation motion is unlikely to contribute
significantly to the experimentally observed size-dependent strength in micropillar compression
or tension experiments. This work has also shown that dislocation junctions in nanopillars are
unlikely to act as strong pinning points and therefore cannot support prolonged single arm source
motion in small volumes alone. The operation of single arm sources observed in experiments
could be caused by a number of other defects such as point defects or elementary dislocation
jogs. The models of dislocation nucleation showed that atomistic simulations of energy barriers
combined with transition state theory can accurately predict the nucleation strength of nanowires.
Furthermore, we have shown that the development of continuum based nucleation models can be
used to understand the transition points between the operation of single arm sources and surface
sources.

As a broader picture, this work shows that atomistic simulations combined with continuum
models can be used to gain a better understanding of the plastic processes at the nanoscale. This
work has also shown that the two models can be used to develop coarse grained models of plas-
ticity. Such approaches are promising when we look to use small scale mechanical testing to do
systematic investigation of mechanical properties.
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