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ABSTRACT

Indentation fracture and continuous nanoscratch testing were used in this study to determine the
effects of compressive residual stresses on the fracture of thin sputter-deposited tantalum nitride
films. Some films were tested in the as-deposited condition while others were vacuum annealed at
300°C. The only discernible change in structure was a surface rearrangement of atoms into parallel
arrays of striations on the vacuum annealed samples revealing a high compressive residual stress
state after deposition. Comparison of results and application of mechanics-based models showed
that these stresses had a strong effect on the fracture of the as-deposited films. The models also
provided a good measure of the residual stress levels and interfacial strain energy release rates.
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INTRODUCTION

Thin films are used in many applications where properties such as resistance to abrasion,
corrosion, permeation and oxidation, or special magnetic and dielectric properties, are needed to
insure performance and reliability. [1] In all of these applications, performance, reliability, and
durability are tied directly to interface structure and composition. [1,2,3] Of particular interest are
thin tantalum nitride films as they are used extensively in microelectronics applications because of
their excellent long-term stability and low temperature coefficients of resistance. [4,5] They are
sputter deposited which produces films with a high structural defect content and high compressive
residual stresses both of which can alter the physical and mechanical properties of microelectronic
thin films. [6,7] They are then air annealed at 300°C to improve stability and trim the resistors to
within desired tolerance. [4,8] This procedure creates a surface oxide layer less than 8 nm thick but
does not relieve the intrinsic compressive residual stresses.

Neither the contributions of interface structure and composition nor the superimposed effects of
compressive residual stress on properties and the resistance of thin tantalum nitride films to
interfacial fracture are well-defined due to limitations in test techniques. Traditional tests employ
double-cantilever beam, asymmetric cantilever beam, notched three and four-point flexural beam
[9,10] and thin film sandwich geometries. [11] They are based on fracture mechanics theory and
provide good measures of strain energy release rates. However, the strain energies measured vary
between each type of sample employed due to sample size and physical constraints.

As a result, we employed nanoindentation [12-15] and continuous nanoscratch testing [16-18] to
determine the effects of the intrinsic compressive residual stresses on the properties and fracture
resistance of the thin tantalum nitride films. These techniques sample small volumes of material
while preserving the production configuration of a free surface. The indentation fracture tests are
easy to perform and strain energy release rates can be determined from mechanics-based analyses.
[19-21] However, the force that can be applied is limited in magnitude and extent. The continuous
nanoscratch tests can apply a much greater force over a larger area in comparison with indentation
tests but lack a rigorous derivation of stress distributions and strain energy release rates. [16-18]
Nevertheless, good approximations for strain energy release rates can be obtained using blister and
buckling solutions for systems where residual stresses dominate fracture behavior. [19-21] When
combined with atomic force and high resolution transmission electron microscopy, the results
define the relationships between structure, properties and interfacial fracture on a submicron scale.

MATERIALS AND PROCEDURE

Materials. In this study, thin tantalum nitride films were reactively sputtered onto smooth single
crystal sapphire substrates using a d. c. magnetron sputtering unit. The substrates had been
prepared by annealing at 1350°C in air. They were then transferred to the deposition chamber and
heated to 170°C in vacuum for two hours to drive off moisture which was followed by an RF
backsputter for 120 s to remove contaminants and expose fresh material. With a vacuum
maintained to at least 1.3x10-5 Pa (10-7 torr), the films were deposited using a tantalum target,
argon as a carrier gas, and controlled additions of nitrogen to form Ta;N. Deposition was at a rate
of 0.3 nm/s onto the (112 0) surfaces of the single crystal sapphire substrates to a final film
thickness of 635 nm. The films were then divided into two groups. One group consisted of as-
deposited samples. The second group was heated at 300°C for 100 hours in a vacuum of 1.3x10-4
Pa (106 torr). The thickness of each film was then established by cross-section measurement in a
JEOL 840 SEM.

Mechanical Property Testing. The elastic moduli and hardness were determined from a series of
indentations on each film employing an indentation test system developed by Nano Instruments,
Inc. [12,13] All tests were conducted at a loading rate of 300 uN/s with maximum contact (plastic)
displacement ranging from 20 to 800 nm using a Berkovich indenter. Indentation loads and



corresponding displacements were recorded continuously throughout each test. The area for each
indentation in the as-sputtered film was determined from an area shape function derived from direct
measurements of indentation areas on single crystal aluminum, fused silica, and thin tantalum
nitride and aluminum films. The areas for selected indentations in the as-deposited film spanning
the full range of test displacements were also measured in a field emission SEM to confirm
applicability of the tip shape function. These areas were then used with the slopes from the
unloading curves to determine stiffness and elastic modulus following the method of Oliver and
Pharr. [13] Hardness was calculated for each test from the maximum load and the area of the
indentation.

Fracture Testing. The resistance to interfacial fracture was determined from indentation and
nanoscratch tests conducted on two indentation test systems, one developed by Nano Instruments,
Inc. and one by IBM. [15,16] The Nano Instruments, Inc. system was configured to control
normal loads while the IBM system was configured to control normal displacements. Both systems
were configured to control lateral indenter displacements. For the indentation fracture tests, a
conical diamond indenter with a nominal 1pm tip radius and a 90° included angle was driven into
the films at a loading rate of 500 uN/s (produced from a normal displacement rate of 15 nm/s in the
IBM system) until a portion of the film spalled from the substrate. During each test, the normal
loads and displacements were continuously monitored. For the nanoscratch tests, a second conical
diamond indenter also with a nominal 1pm tip radius and a 90° included angle was simultaneously
driven into the films at a loading rate of 500 uN/s and across the films at a lateral displacement rate
of 0.5 pm/s until a portion of the film spalled from the substrate. During each test, the normal and
tangential loads along with the normal and lateral displacements were continuously monitored.

RESULTS AND DISCUSSION

Materials. Tantalum nitride can exist in several compositionally and structurally distinct forms. [22]
TEM showed that the structure of the as-deposited films in this study consisted of a 200-nm-thick
amorphous layer near the interface followed by columnar grains of nanometer-size crystallites
extending to the surface. (Figure 1) [5,23] Although the film is composed of two distinct
structures, scanning auger microscopy showed that the composition was constant with a two-to-
one ratio between tantalum and nitrogen through the film thickness. High Resolution TEM showed
the interfaces have three-to-four atom layers of amorphous oxide between the sapphire substrate
and tantalum nitride film. The presence of this region parallels observations of amorphous oxide
layer formation on several different types of oxide substrates following sputter processing. [24] It
may also be responsible for the nucleation of amorphous tantalum nitride near the oxide-film
interface.

Vacuum annealing of the as-deposited films at 300°C for 100 hours had no observable effect on the
microstructure of the films or of the film-substrate interface. The films maintained a 200-nm-thick
amorphous layer near the surface followed by columnar grains extending to the surface. Moreover,
high resolution TEM showed no discernible effect of annealing on the interface structure. This is
consistent with a previous study [25] showing that tantalum and tantalum nitride films neither react
with the aluminum oxide substrates nor change lattice structure on exposure to high temperatures in
vacuum environments. However, cross-sectional measurements suggest that there were changes
on the atomic scale as the average film thickness decreased from 635 nm in the as-deposited films
to 530 nm for vacuum annealed films. A decrease in film thickness of this size most likely results
from a reduction in the high density of vacancies and micropores created during sputter deposition.
[6,7] Atomic force microscopy of the film surfaces also revealed that there was a marked change in
surface structure from the random undulations characterizing the as-deposited film surfaces to well-
defined parallel striations on the vacuum annealed film surfaces. (Figure 2) This change in
structure shows there was significant surface atom movement during elevated temperature
exposure.



Several theoretical studies have shown that a planar free surface is unstable in the presence of
tensile or compressive stresses leading to ridge, cusp, and groove formation by stress driven
surface diffusion. [26-30] The phenomena has been used to explain the ridges observed on

Ing 25Gag.75As thin films grown on GaAs(100) surfaces [31] and forwarded as a possible
mechanism for surface step and groove formation in CryOj3 scales. [32] The theory also provides
an estimate of stresses driving striation formation in the tantalum nitride films of this study.
Striation formation occurs when the striation width equals or exceeds the critical wavelength given
as follows [30],

_p _mMy
Ae= = (1)

where A is the critical wavelength or striation width for growth, A, is the most probable width of
striations that form, M is the biaxial modulus of the film, & is the stress driving striation growth,
and 7y is the surface tension. Taking yas 1 J/m? and setting the most probable wavelength equal to
the average measured striation spacings of 65 and 145 nm crossing the surface, equation (1) gives
an effective stress driving the surface perturbations between 4.2 and 6.2 GPa. This value is higher
than recent x-ray diffractton measurements of a compressive residual stress of 3.2 GPa in a 400-
nm-thick tantalum nitride film deposited under identical conditions [33] but is consistent with
observations that residual stress increases with film thickness. [34] Furthermore, this value is
typical for compressive residual stresses measured in oxides, diamond, diamond-like carbon, and
nitride films. [35-37]

Mechanical Properties. Elastic modulus was determined as a function of indenter depth for both the
as-deposited and vacuum annealed films from the indentation load-versus-displacement curves.
Figure 3 shows that for the as-deposited films, the measured elastic modulus equals 350 GPa for
the first 200 nm of the film and then graduvally increases to the substrate value of 400 GPa as
contact depth approaches the film-substrate interface. These values were calculated assuming
Poisson's ratio is equal to the value of 0.35 for tantalum. The value for Poisson's ratio may be less
as often observed for oxides and nitrides, but the effect on elastic modulus is relatively small.
There is substantial scatter in measured values within 50 nm of the film surface due primarily to
variations in surface topography. This resuits from the variations in surface height being less than
the 300-nm-radius of the Berkovich indenter. There is also an increase in measured elastic modulus
with depth due not to the effect of a layered microstructure but to an increasing effect from the
substrate. This is shown in recent work where tantalum nitride films on aluminum nitride
substrates exist in two forms; one form is a polycrystalline and amorphous layer structure as
observed on the sapphire substrates and the other is a single layer polycrystalline structure. [23,38]
In both cases the elastic modulus-versus-displacement curves superimpose showing that the
microstructure has little effect on properties.

Superimposed on the as-deposited film values in Figure 3 are the measured elastic modulus values
for the vacuum annealed film. These values are higher than the as-deposited elastic moduli with an
average value of 410 GPa near the film surface. In contrast with the as-deposited film values, the
vacuum annealed values decrease with depth to sapphire values near the film-oxide interface. Of
particular interest, the near surface elastic moduli scale inversely with film thickness. These values
obey a simple rule of mixtures for the effect of void content on modulus. This supports the concept
that the increase in elastic modulus and decrease in film thickness is due to a decrease in defect
concentration.

The hardness values for both the as-deposited and vacuum annealed films essentially superimpose
when measured from the film surface as shown in Figure 4. However, when all values are
referenced to the distance from the interface, the near surface vacuum annealed values are slightly
higher than the as-deposited values which is consistent with expectations of higher hardness with



higher film density. Regardless of reference location, the near surface hardness values for both
films are significantly higher than that of the sapphire substrate. As a result, the as-deposited and
vacuum annealed measured hardness values decrease to the value for sapphire at the film-substrate
interfaces reflecting an increased contribution from the softer substrate with increasing test depth.
The values for hardness and elastic modulus for the tantalum nitride films are significantly greater
than pure tantalum values. Nevertheless, the values are similar to the effects of nitrogen, boron,
and carbon on elastic modulus and hardness values observed in metals and ceramics. [36,39-41]

Indentation Fracture. During indentation fracture tests, the as-deposited films fracture consistently
at loads between 250 and 300 mN producing large circular spalls as shown in Figure 5. The onset
of fracture is defined by the rapid excursion of the indenter through the film to the interface at
essentially constant load. In all cases, fracture occurred by reverse or double buckle formation
during indentation with the material under the indenter pinned to the substrate. There were no
observations of buckling or fracture when tests were stopped prior to the displacement excursion.
Furthermore, loading beyond the point of rapid excursion did not lead to additional crack growth.
These observations clearly show that interfacial crack growth and film fracture occurs rapidly after
crack nucleation.

One very interesting observation is that the onset of fracture occurred consistently at plastic depths
near 300 nm. This depth corresponds to the thickness of the uniform nanocrystalline portion of the
film. Rapid fracture subsequently occurred as the indenter traversed the amorphous region of the
film.

Fracture was not observed during any indentation test on vacuum annealed films even at loads of
600 mN and indenter displacements well into the substrate. This strongly suggests that interfacial
crack nucleation and propagation in the as-deposited film is driven by high compressive residual
stresses. Moreover, these observations indicate that vacunm annealing at least partially relieves
residual stresses in these films.

Scratch Fracture. The first nanoscratch tests were run on the IBM indentation test system under
displacement control. A subsequent series of scratch tests were run on the as-deposited films on
the Nano Indenter II ™ under load control. The results were essentially identical with the tests on
both systems revealing a significant difference in fracture behavior between the as-deposited and
vacuum annealed films. Failure in the as-deposited film occurred by the formation of large spalls as
shown in Figure 6a. There were often a series of spalls occurring sequentially. In all cases, the
exposed substrate surfaces were distinctly interfacial in character with no evidence of tantalum
nitride within the limits of energy dispersive x-ray diffraction. The fractures occurred consistently
at loads near 100 mN and were accompanied by a sharp increase in indenter depth and tangential
load as shown in Figure 6b. Beyond the initial point of fracture, the indenter penetrated the
sapphire substrate.

Comparison of normal and tangential loads showed that the coefficient of sliding friction on the
films was equal to 0.28 and relatively constant throughout most of the test. Just prior to fracture,
the coefficient of friction increased to an average value of 0.62 as the indenter grooved into the film
and then to an average value of 0.79 as the film fractured and the indenter plunged to the film-
substrate interface. Observations suggest that the indenter began grooving into the uniform
nanocrystalline portion of the film when the film failed at the film-substrate interface immediately
beneath the indenter. Rapid fracture subsequently occurred when the indenter ploughed into the
amorphous portion of the film. This sequence of events followed the same process for fracture and
dependence on the film microstructure that was observed during indentation fracture tests. The
principal difference was that fracture occurred at much lower applied normal loads during the
scratch tests than during the indentation fracture tests.



There were several tests on the as-deposited film that produced large asymmetric spalls which
wrapped back around the scratch track. In two of these tests the initial spalls triggered uniform
width buckles that ran back along much of the scratch track lengths as shown in Figure 7.
Formation of the asymmetric spalls followed sample repositioning and are most likely due to a
slight misalignment in indenter-to-film surface contact. Nevertheless, these uniform-width buckles
provided data to define residual stress levels and strain energy release rates for interfacial fracture.

Failures in the vacuum annealed film occurred at loads near 70 mN which were slightly lower than
observed in the as-deposited films. However, the areas of spallation were much smaller in size as
shown in Figure 8. Nevertheless, the fracture events were characterized by the same abrupt
changes in the load-versus-distance traces. The fracture had the same distinct interfacial appearance
as in the as-deposited films and there was no evidence of tantalum nitride remaining on the
substrate surface.

One dimensional buckle analysis. The residual stress and the energy for interfacial fracture in the
as-deposited film can be determined following the analysis of Hutchinson and Suo [21] for a one-
dimensional or straight wall buckle. The analysis is based on the assumption that the film and
substrate are elastic isotropic solids, the film is subject to a uniform, equi-biaxial compressive in-
plane stress, and the film thickness is much less than the buckle width. The buckle is then modeled
as a wide, clamped Euler column of length 2b as shown in Figure 9. For a blister to form in the as-
deposited film under these conditions, the compressive residual stress, oy, must exceed the stress
for delamination, G, as follows [21],
n2E [ )2
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In this expression, E is the elastic modulus of the film, v is Poisson's ratio, and h, is the film
thickness. The residual stress, oy, can then be determined from the blister height, 8, and the stress
for delamination as follows [21],

o=0.|38)+1| 3)

Using interference microscopy, the buckle height was found to range from 0.3 to 0.5 um and the
buckle half-width from 5.3 to 6.1 pm along the length of the two uniform width blisters.
Combining these measurements with an elastic modulus of 350 GPa, a film thickness of 635 nm,
and Poisson's ratio of 0.35, equation (3) gives a calculated average compressive residual stress of
5.4 £ 0.7 GPa. This is in good agreement with the stresses calculated to be driving surface atom
rearrangement and strongly supports 5.4 GPa as the true value of residual stress in the film. It
should be noted that the stresses induced from indenter displacement along the scratch length
average less than 100 MPa across the buckle width and were therefore ignored in the analysis.

The strain energy per unit area, Gy, stored in the film and available for fracture is a function of the
residual stress as follows [21],

(1-v2)ho 2

0= 3% )
When the film buckles, the separation between the film and substrate loads the edge of the
interfacial crack in tension. The tensile stresses drive interfacial crack advance with a release of
strain energy given by [21],
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This value equals the energy for interfacial fracture, I'j, at crack arrest.

In the as-deposited film of this study, the compressive residual stress gives an average strain
energy per unit area stored in the film available for fracture of 23.445.1 J/m2. This drives one-
dimensional blister formation in the as-deposited film at an average interfacial fracture energy of
17.5+5.5 J/m?2. Although the fracture energy is significantly less than the stored energy, the
difference is typical for films where the stress driving film buckling is not much greater than the
stress for delamination.

The intrinsic toughness of interfaces is often identified with pure mode I loading. However, the
stresses at the crack tip of a buckled film are comprised of mode I and mode II components. For
one-dimensional blisters, the phase angle defining the relative contributions of normal mode I and
shear mode II loads is given by [21],

tan\p—ﬁ— 4cos ®+ V3 Esinw
ki —4sinw+v3Ecosw

(6)

In this equation, ky and kyy are the mode I and mode II crack tip stress intensities, & equals &/h, and
o is a dimensionless function of the Dundurs's parameters, o and , which describes the elastic
mismatch between the film and the substrate. As there is little elastic mismatch between the films
and substrates in this study, o reduces to 52.1°. [21] The corresponding phase angle of loading for
the one-dimensional buckle in the as-deposited film is equal to -53.143.0°. This angle shows there
is a significant amount of both mode I and mode II loading.

Indentation Fracture Analysis. The indentation fracture tests in the as-deposited film trigger
axisymmetric buckling and subsequent fracture from which the fracture energy can also be
obtained. In all these fractures, the center is constrained giving rise to a reverse or double buckle
configuration as shown schematically in Figure 10. For small buckling deflections, Marshall and
Evans [19] and Evans and Hutchinson [20] derived an asymptotic solution for strain energy release
rate by modeling the axisymmetric blister as a completely clamped circular plate with a radius much
greater than the film thickness and subject to an equi-biaxial compressive stress. In the as-
deposited films of this study, the compressive stress is comprised of the stress due to indentation
and the residual stress. Assuming a rigid substrate and that all material plastically displaced during
indentation goes into the film, the stress due to indentation is [19,20],

EV
o =— 7
V. 2m(1 -v)a2h )

where Oy is the radial stress in the plane of the film due to indentation, V is the plastic volume of
material displaced into the film, a is the crack radius, h is the film thickness, E is the elastic
modulus of the film, and v is Poisson's ratio. When added to the residual stress, the total
compressive stress in the film must exceed the stress for delamination. The stress for delamination
is given by [19,20],

c*=_ KE (%)2
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where the constant k equals 42.67 for a circular clamped plate with a constrained center point and
14.68 when the center is unconstrained.

When the film buckles during indentation, the tensile stresses at the edge of the circular crack drive
crack advance. Marshall and Evans {19] have derived the strain energy release rate for a circular
buckle due to residual and indentation stresses as follows, [19,33]

_ (1-v)ho? o2\ [o2)20, (1+V)
G—'—'E——'C 1—-0_—12 + (5_12 E'FT—I (9)

where c=[1+0.902(1-v)]-! from Hutchinson and Suo [21]. The first term gives the contribution
from residual stress and the second term gives the contribution from indentation. In the absence of
indentation stresses, Hutchinson and Suo [21] have shown that equation (9) is valid only for ratios
of 6,/0. up to three for the single buckle configuration. Beyond this value, more accurate solutions
using the finite difference method have been derived. However, these solutions are valid for only
residual stress induced fracture and then only for the single buckle configuration.

During the indentation fracture tests, the displacement-induced stresses act with the compressive
residual stresses to nucleate fracture and drive interfacial crack propagation. Observations of the
load-deflection curves and of the film surfaces reveal that fracture begins when the indenter has
partially penetrated the film thickness. Once the interface crack has nucleated, the indenter plunges
to the film-substrate interface. However, it cannot be determined if crack advance is driven to
completion from the stored energy at the onset of crack nucleation or if additional crack growth
occurs as the indenter drives to the film-substrate interface. In either case, the additional stresses
and strain energy from indentation are relatively small in comparison to residual stress effects. As
atomic force microscopy has shown, fully two fifths of the displaced material is thrust up around
the indenter and not into the film. [42] Most likely much of the material under the indenter at the
onset of fracture is from the amorphous portion of the film and remains under the indenter as it
drives to the film-substrate interface. With the observation that three fifths of the displaced material
is compressed into the film and the assumption that fracture goes to completion, the average strain
energy release rate value is 9.8+5.0 J/m? at the first indication of fracture. This provides a lower
limit for the fracture energy. At the end of the fracture excursion, the average strain energy release
rate is 13.2+4.8 J/mZ2. This provides an upper limit and more appropriate value for interfacial
fracture energy as it is determined assuming that the effects of including all material under the
indenter in the analysis offset the lower strain energy obtained when films spall prior to crack
arrest. In either case, the values are well within the region of validity for equation (9).

Of particular note, no interfacial fracture could be induced in the vacuum annealed films during
repeated indentation tests. The tests were conducted at loads almost three times those needed for
as-deposited film fracture and at plastic depths well beyond the film-substrate interface. These
results suggest that vacuum annealing reduced or eliminated the compressive residual stresses in
the films. It also reveals that vacuum annealing greatly reduces susceptibility to fracture from
normal loads. ‘

Since solutions for the phase angle of loading have not been determined for reverse or double
buckling failures, an approximation for the phase angles can be obtained by using the circular
blister solutions of Hutchinson and Suo. [21] Beginning with the calculated strain energy release
rate from equation (9), the effective loading parameter, o */cy, is back-calculated as follows, [21]
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and is used to determine buckling amplitude, &.

12
)
1\0

c

t=p=

The corresponding phase angle of loading is then given by,

_ cos ®+0.2486(1 + v) € sin @
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where ©=52.1° and ¢1=0.2473(14v)+0.2231(1-v2). The corresponding phase angle of loading is
-56.5%2.9°. As for the one-dimensional blister, the phase angle shows that there is a significant
effect of mode II loading on measured fracture energy.

Scratch Test Fracture Analysis. There have been no rigorous determinations of interfacial fracture
energies from scratch test results. However, there have been approximations based on the energy
stored from elastic stress distributions. [14,17,37,43] We can use the elastic approximation of
Venkataraman et al. [14,17] to estimate the energy stored in the film and the circular buckle
analysis of Marshall and Evans [19] and Hutchinson and Suo [21] to estimate the strain energy
release rates for fracture. Following the elastic approximation of Venkataraman et al., [14,17] the
elastic strain energy stored in the film from the scratch test elastic stress distributions is given by,

2\m2 2
(1-v2tZh (1-vdoih

G =X ot TE (14)

In this expression, Gy is the stored elastic strain energy available for fracture, and T jj and o ij are
the average elastic shear and normal stresses in the delaminated film. It should be nofed that in the
original derivation, the energy was taken as twice the value given in equation (14) based on the
assumption that an equal amount of energy was also released into the substrate on delamination. In
this study, the analysis of Venkataraman et al. [14,17] has been modified so that only the energy in
the film is assumed to drive delamination to be consistent with other studies. In addition, the
contributions for all stress components have been determined explicitly from the critical normal and
tangential loads at failure, the area and length of the debonded region, and the scratch width at the
point of delamination. The total strain energy stored in the as-deposited film above the delamination
available for fracture is determined by summing residual stress and scratch test contributions as
follows,

=(1-v2)o'r2h+z (1-vH)tih (1-vH)oih

0 7E 3w T 2E (13)
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The energy stored in the film from applied forces has also been calculated for the case where the
indenter has essentially penetrated the film before fracture as in the tests on the vacuum annealed
sample. In this case, the average stresses were determined following the method employed by
Vankataraman et al. [14,17] using the distributions given by Timoshenko and Goodier [44] for a
force acting along a line in a plane.

Based on the observation that most spalls are circular and symmetric about the scratch track, the
strain energy release rates can be estimated using a circular blister analysis. [19-21] (Figure 11) In
this approach, the delamination stress is determined from measured spall radii using equation (8)
for an unconstrained center point and the following equation for strain energy release rate, [19-21]

®\2
(0
c
C (I—F)

where c=[140.902(1-v)]-1. {21] The strain energy release rates for the as-deposited film were then
calculated using equation (16) with the effective stress, o, driving fracture back-calculated from the
total stored energy and the first term in equation (15). The phase angles of loading were determined
from equations (10) through (13), and the numerical solutions presented by Hutchinson and Suo
[21] for the cases where G./C; ratios were greater than three.

_ (1-v)ho?

G
E

(16)

The results are given in Table I where A is the area of spallation, P and L are the critical normal
and tangential loads for fracture respectively, Gapplied and Giotal are the applied and total stored
strain energies at fracture respectively, I'Ljy is the measured fracture energy, W is the phase angle of
loading , and I'7 is the projected mode I fracture energy. As this table shows, the loads at fracture
in the as-deposited film were virtually identical for tests producing symmetric and asymmetric
spalls. However, the spall widths, lengths, and orientations differed significantly. This led to
stored energies from the applied stresses a factor of two lower for tests producing asymmetric
spalls. These values were small in comparison to the total stored energy for fracture which
averaged 23.7+5.2 J/m?2 for tests producing symmetric spalls and 23.5%5.2 J/m?2 for tests
producing asymmetric spalls. The standard deviation includes contributions from the residual

stress and scratch test measurements. It should be noted that the scratch test stress distributions had
almost no effect on the stored energies in either case. The corresponding strain energy release rates
at fracture averaged 15.5+6.4 J/m? for tests producing symmetric spalls and 20.0+4.4 J/m?2 for
tests producing asymmetric spalls. The phase angles of loading are -60.1° and -64.4° respectively.
Not surprisingly, the fracture energies and phase angles of loading are in reasonably good
agreement with one-dimensional blister and indentation fracture results.

The scratch tests also induced fracture in the vacuum annealed films at slightly lower loads than
required for fracture in the as-deposited films. Fracture was still characterized by an abrupt change
in the load-versus-displacement curves but was not followed by sudden large scale spallation
characteristically driven by high residual stresses. In the absence of high compressive residual
stresses, the scratch test produces strong asymmetric stress gradients which serve to limit crack
advance. [14,16,17] Indeed, the areas of spallation were much smaller with little advance away
from the scratch track trace. As a result, the applied stress contributes a significant amount of
stored energy to the film as shown in Table IT where the stored energy from the applied stress just
prior to the indenter plunge into the film averages 28.5+13.1 J/m2.

In contrast to the as-deposited films where buckling and spallation occur when the indenter has
partially penetrated the film, spallation in the vacuum annealed film appears to occur when the
indenter has fully penetrated the film. Under these conditions, the elastic stored energy is estimated
from forces acting along a line through the film perpendicular to the film surface. However, this

13



film does not spall catastrophically and a circular blister analysis cannot be used to determine the
strain energy release rate at fracture nor the mode I contribution to fracture. Nevertheless,
comparison with stored energies at fracture in the as-deposited film provides insight into the
fracture process and mechanics of adhesion. There is no change in microstructure along the
interface nor any discernible change in composition between the as-deposited and vacuum annealed
films. Without a change in structure or composition, the fracture energies of these films would be
similar if there is no additional contribution from bond strength. Under this assumption, any
remaining residual stress in the vacuum annealed film is less than 4.5 GPa. And based on the much
smaller areas of spallation in comparison with as-deposited film failure, any remaining residual
stress is much less than 4.5 GPa. Clearly, the results show that vacuum annealing relieved a
substantial portion of the residual stress.

Solutions have not been derived for strain energy release rates in films with asymmetric stress
distributions or strong stress gradients as observed in the vacuum annealed film of this study.
Nevertheless, the scratch test results suggest that the stresses driving fracture in this film are only
slightly greater than the stress for delamination. As a consequence the strain energy release rate is
most likely a fraction of the total stored energy similar in magnitude to that observed in the as-
deposited film.

Mode I Fracture Energies and Adhesion. Treating the fractures in this study as inherently mode I
failures [45], the mode I contributions to fracture were estimated for all tests in this study as
follows, [21,46]

=TT (1+tan2y) a7

These values are given in Tables I and II, and shown in Figure 12 and 13 where they essentially
divide into two different behaviors based on the fracture process. The fracture energy values for
one-dimensional blister formation where failure occurred exclusively along the film-substrate
interface are almost two times higher than the fracture energies for indentation and scratch fractures
where the films fractured and spalled from the surface. The mode I one-dimensional fracture
energies correspond to interfacial failure while the mode I indentation and scratch energies may
more appropriately reflect conditions for film fracture. Nevertheless, all fracture energies are
significantly higher than van der Waals forces and somewhat higher than forces for chemical
bonding. Residual stress effects have been accounted for, the elastic contributions are small, and
atomic peening effects from high energy bombardment during deposition would be included in the
residual stresses. Effects not accounted for in the analysis and not dealt with experimentally are
interface roughness on the atomic scale and plastic energy dissipation. Surface roughness can have
a substantial effect on macroscopic fractures. [47] It is present along the film-substrate interface on
the atomic scale resulting from the RF backsputter cleaning procedure or during the initial stages of
sputter deposition. A potentially larger effect on fracture energy can come from plastic energy
dissipation during ductile grooving just prior to film fracture. In either case, the ability to test small
volumes of material has directed attention to atomic scale processes controlling deformation and
fracture of thin films.

CONCLUSIONS

In this study, indentation fracture and continuous nanoscratch testing were used to determine the
effects of compressive residual stresses on the fracture of as-deposited and vacuum annealed thin
tantalum nitride films on sapphire substrates. The only discernible effect of vacuum annealing was
a surface rearrangement of atoms into parallel arrays of striations revealing the existence of a high
intrinsic compressive residual stress in the as-deposited films. This stress had a strong effect on
fracture as shown by the as-deposited films which fractured readily during indentation and scratch
tests forming large circular spalls and uniform-width buckles. The vacuum annealed films on-the-
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other-hand exhibited a much lower susceptibility to fracture during scratch tests and no
susceptibility to fracture during indentation. Application of mechanics-based models showed that
the uniform-width buckles formed under a compressive residual stress of 5.4 GPa. In addition, the
measured strain energy release rate for interfacial fracture was 17.5+5.5 J/m2. This value is a
product of mixed mode loading with a mode I contribution of 6.2 J/m2 at crack arrest. The strain
energy release rates for indentation fracture and scratch tests ranged from 13.244.8 10 20.0+4.4
J/m? in good agreement with the one-dimensional buckle result. The corresponding mode I
contribution ranged from 3.440.9 to 3.8+0.9 J/m?2 which is a factor of two lower than in the one-
dimension buckle case. The mode I one-dimensional fracture energies correspond to interfacial
failure while the mode I indentation and scratch energies may more appropriately reflect conditions
for film fracture. In all cases the values are significantly higher than van der Waals forces and
somewhat higher than forces for chemical bonding. These relatively high mode I fracture energies
may result from the effects of interface roughness on the fracture process or plastic energy
dissipation during ductile grooving just prior to film fracture.
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Table I. Scratch test data and fracture energies from tests on as-deposited thin tantalum nitride
films.

A Per Lo Gapplied Giotal Tin vy I
(um2) (mN) (mN) (J/m?2) (J/m?2) (I/m2)  (degrees) (J/m2)

Symmetric Fracture

21062 9819  60+6 0.3+0.2 23.7+5.2 15.546.4 -60.1%£7.5 3.4%0.9
Asymmetric Fracture

393+137 107422 69+18 0.1+0.2 23.545.2 20.0+4.4 -64.417.5 3.6+1.6

Table II. Comparison of scratch test data and fracture energies from tests on as-deposited and
vacuum-annealed thin tantalum nitride films.

A Per Ler Gapplied ~ Gresidual Gtotal Oresidual
(um?) (mN) (mN) (J/m2) (J/m2?) (J/m?2) (GPa)

As-Deposited

21062 98+9 606  0.3+0.2 23.445.1 23.745.1 -5.4%0.7
VA 300°C/100h

104 706 58+8 28.5%13.1 -- 28.5%13.1 --
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200 nm . v 2 nm

| s L

(b)

Figure 1. The microstructure of as-deposited films (a) consists of a 200-nm-thick amorphous
region near the interface followed by columnar grains extending to the film surface. The
interface between the film and substrate (b) is characterized by a three-to-four atom-
layer transition from an amorphous to a crystalline structure.

(a)

Figure 2. Atomic force microscopy shows that the (a) as-deposited film surface exhibits small
random variations in topology. (b) The vacuum-annealed film surface has rearranged
into two parallel arrays of uniformly spaced striations.
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Figure 3. The elastic modulus measured in the as-deposited film increases from 350 GPa near the
film surface to the sapphire substrate value of 400 GPa at the film-substrate interface.
The vacuum annealed modulus is slightly higher near the film surface reflecting the
effect of increased film density.
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Figure 4. The hardness values for as-deposited and vacuum-annealed films superimpose when
measured from the film surface. These values range from 30 to 35 GPa near the film
surface to near 25 GPa at the film-substrate interface.
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Figure 5. (a) Indentation fracture of as-deposited film occurred consistently at loads between 250
and 300 mN producing (b) large circular spalls . In all fracture tests, the center point
was constrained giving rise to a reverse or double buckle configuration.
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Figure 6. Scratch test fractures in the as-deposited film (a) occurred consistently near 100 mN
and were characterized by an abrupt increase in tangential load. (b) The fractures
Elmpagated along the film-substrate interfaces producing well-defined spalls ahead of

e indenter.
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Figure 7. Two scratches triggered uniform width buckles that propagated back along much of the
scratch track length.
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Figure 8. Scratch test fractures in the vacuum-annealed film
abrupt change in tangential loads that w
However, the spalls were much smaller,

(a) were characterized by the same
as observed in the as-deposited film. (b)
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Figure 9. The uniform width buckle in a cross-section schematic shows the relationship between
buckle width, buckle height and film thickness.

2a

Figure 10. A cross-section schematic shows the axisymmetric character of the reverse or double
buckle configuration produced by indentation testing.
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Figure 11. The scratch test fracture of the as-deposited film can be modeled using the circular
buckle analysis where the scratch test stresses trigger delamination while the residual
stresses drive crack propoagation and film fracture.
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Figure 12. The uniform width buckle, indentation fracture, and scratch test fracture energies group
according to fracture process.
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Figure 13. Projected mode I fracture energies clearly group accbrding to fracture process. The film
fracture values are on the order of chemical bonding energies while the interfacial
fracture energy is a factor of two higher.
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